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ABSTRACT: Alumina/poly(methyl methacrylate) (PMMA) nanocomposites were synthesized using 38
and 17 nm alumina nanoparticles. At an optimum weight fraction, the resulting nanocomposites display
a room-temperature brittle-to-ductile transition in uniaxial tension with an increase in the strain-to-
failure that averages 40% strain and the appearance of a well-defined yield point in uniaxial tension.
Concurrently, the glass transition temperature (Tg) of the nanocomposites drops by more than 20 °C.
The brittle-to-ductile transition is found to depend on poor interfacial adhesion between polymer and
nanoparticle. This allows the nucleation of voids, typically by larger particles (∼100 nm), which
subsequently expand during loading. This void formation suppresses craze formation and promotes
delocalized shear yielding. In addition, the reduction in Tg shrinks the shear yield envelope, further
promoting this type of yield behavior. The brittle-to-ductile phenomenon is found to require both larger
particles for void growth and smaller particles that induce the lowering of yield stress.

Introduction

Traditional polymer composites filled with micrometer-
size fillers often show improvements in their mechanical
properties in the form of increases in modulus, yield
strength, and glass transition temperature.1,2 However,
these gains are usually accompanied by losses in ductil-
ity and toughness. In addition, large amounts of filler
are often required to achieve the desired properties,
often diminishing the weight savings gained in using
low-density polymers. Polymer nanocomposites have
been shown to provide unique combinations of mechan-
ical and thermal properties often at very low filler
weight fractions. For example, Sumita et al. found
dramatic improvements in the yield stress (30%) and
Young’s modulus (170%) in nanofilled polypropylene
compared to micrometer-filled polypropylene.3 These
composites also showed no decrease in the stain-to-
failure when filled with silica ranging from 7 to 40 nm
in diameter. Similarly, Ou et al. filled nylon-6 with 50
nm silica particles and reported increases in tensile
strength (15%), strain-to-failure (150%), Young’s modu-
lus (23%), and impact strength (78%) with only 5 wt %
nanoparticles.4 In a rubbery polyurethane elastomer,
Petrovic and Zhang5 found that a 6-fold increase in the
elongation-at-break and a 3-fold increase in the modulus
were achievable with 40 wt % 12 nm silica compared to
a micrometer-sized filler that embrittled the polymer.
Furthermore, the nanocomposites showed no reduction
in transparency even at these relatively high loadings
unlike the micrometer-sized filled systems.

The dramatic changes in mechanical properties ob-
served in nanofillers challenge existing theories of
mechanical reinforcement. Paramount to understanding
nanocomposite behavior is addressing the presence of
a large volume fraction of an “interphase zone” (IZ) that
has properties different from the bulk polymer. The IZ
is defined as the region surrounding each particle where

the polymer chain dynamics may be altered due to
intimate contact with the nanoparticles (resulting in
restricted or enhanced mobility) and this immediate
layer’s “far-field” influence on the surrounding matrix.
Because of the relatively large volume fraction of
interfacial polymer in even moderately filled nano-
composites, this IZ could occupy a considerable volume
fraction in the composite. Modeling the IZ is difficult
as imperfect bonding, mechanical stresses, and chemical
interactions can all play a decisive role in determining
its behavior. Ji et al.6 recently modified Takayangi’s two-
phase model7 to incorporate the interphase zone and
were able to successfully reproduce the increases in the
modulus of a clay/nylon-6 nanocomposite system. Their
treatment modeled the interphase zone as a linear
gradient change in the modulus between the surface of
the filler and the matrix and introduced the critical
effect of particle size (through the increase in volume
fraction of the interphase) into the theory. The curves
predicted by the model were shown to be in good
agreement with the experimental results.

In addition to the IZ, the presence of fillers alone can
also affect the bulk mechanical properties of a polymer
matrix by altering the local stress state. In rubber-filled
epoxies, Lazzeri and Bucknall show that a stress, either
externally applied or resulting from differences in
thermal expansion coefficient upon specimen cooling,
can induce microvoid formation in lower modulus rubber
particles through cavitation.8 The cavities relieve the
triaxial stress state present in the matrix, inhibiting
bulk polymer void formation and subsequent crazing,
and promoting shear and other forms of energy dis-
sipating yield phenomena resulting in a tougher mate-
rial.9 In high impact polystyrene, dispersed rubber
particles can initiate microcrazing throughout the ma-
trix, increasing the overall toughness of the composite,
although particles less than 1 µm in diameter did not
serve to initiate crazes and thus did not toughen the
matrix.10 The loadings required to provide the enhanced
fracture toughness, however, are on the order of 40-50
vol % rubber, resulting in dramatic reductions in the
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modulus of the resulting composite. Jansen et al.11 found
that a transformation from brittle to ductile behavior
could be achieved in rubber-toughened PMMA when the
size of the rubber regions (lightly cross-linked epoxy)
was reduced to between 70 and 30 nm. These composites
showed major improvements in the strain-to-failure
with typical extensions of between 110% and 130%
strain. However, because the rubber loading was still
upward of 30%, a major drop in the yield strength of
50-60% was observed.

Enhanced toughness in nanocomposites has also been
predicted to result from a critical interparticle spacing.12

Wu hypothesized that if neighboring particles’ stress
fields overlap, there exists a critical ligament thickness
that will result in a toughening of the matrix due to
stress field interactions.12 This concept has since been
used to describe the changes in mechanical properties
in rubber filled epoxy, nanosilica filled nylon-6, and
nanosilica filled PMMA-HEMA.1,8,13,14 Toughness is
thus achieved when a large volume of the bulk compos-
ite has its stress state altered by the filler, favoring more
energy-absorbing yielding mechanisms. Pearson and
Yee also noted an increase in the fracture toughness of
rubber modified epoxies with decreasing particle size15

leading to smaller interparticle distances and a reduc-
tion in the volume of filler needed to toughen the
composite. Thus, the affected volume is greatly en-
hanced through the use of the nanoparticle fillers.

A critical parameter in controlling the mechanical
properties of any nanocomposite is the dispersion state
of the nanoparticles. Since these high surface area fillers
tend to aggregate, silanes and organotitanates are used
extensively both to tailor the particle surface properties
to mimic the surrounding matrix and to lower their
surface energy, thereby reducing their tendency to
agglomerate.16-18 Other methods to alter the surface
properties of the nanoparticles include radiation graft-
ing,19 chemical vapor deposition, and a host of compli-
cated synthesis procedures that attempt to polymerize
polymer chains off of initiating agents coupled to the
surface.20-22 In addition to achieving better dispersion,
these techniques ultimately control the very nature of
the IZ, which can define the resulting composite proper-
ties. The deliberate tailoring of the polymer-particle
interface results in the ability to alter the properties of
the entire matrix through the addition of a few volume
percent of nanoparticles. Most often, though, the inter-
face between particle and polymer is made stronger, and
the special case where the interface is weakened has
been largely neglected. Thus, the special case of a weak
interface receives particular attention in the current
research.

The incorporation of nanoparticles into polymeric
matrices often has entirely unexpected results directly
related to the interaction between particle and polymer.
The present work focuses on the evaluation of the
thermal and mechanical properties of alumina/PMMA
nanocomposites through the use of uniaxial tensile
testing, electron microscopy, X-ray scattering, and dif-
ferential scanning calorimetry. Specifically, the goal of
the present work was to synthesize and characterize
nanocomposites where the interface between particle
and polymer is very weak, with poor wetting of the
particle to the polymer, and to subsequently evaluate
their thermal and mechanical properties. The converse
problem, a strong interfacial bond between particle and
polymer, has already been evaluated in the literature

as discussed above. The present work is an extension
of previous work conducted with 39 nm alumina and
PMMA.23,24

Experimental Section
General Information. Nanocrystalline, spherical alumina

(γ-Al2O3, F ) 3.6 g cm-3) with a reported mean diameter of 38
nm and specific surface area of 44 m2/gram was obtained from
Nanophase Technologies Corp. (NTC). The particle size was
determined through BET gas adsorption by NTC. The particles
have a relatively broad size distribution as shown in the
transmission electron microscope (TEM) micrograph of Figure
1. Analysis of this image resulted in the distribution of particle
sizes shown in Figure 1 (inset) with a mode of 28 nm and a
median particle size of 60 nm. 17 nm diameter alumina was
purchased from Nanotechnologies, Inc. and had a reported
specific surface area of 98 m2/gram (also by BET). Micrometer-
sized alumina (γ-Al2O3, <10 µm) was obtained through Aldrich
Chemical Co. Subsequent TEM analysis of this micrometer-
sized alumina showed that it was composed of micrometer-
sized aggregates of nanoscale, platelet-like particles.

Methyl methacrylate (MMA) (99% stabilized with 100 ppm
MEHQ, Acros), 1-decanethiol (96% Aldrich), methacrylic acid
(MAA) (99% Aldrich), and 3-glycidoxypropyltrimethoxysilane
(GPS) (96% Gelest, Inc.) were used without further purifica-
tion. 2,2-Azobis(isobutyronitrile) (AIBN) (98% Aldrich) was
dissolved, filtered, and recrystallized from methanol. Reagent
grade toluene was dried over CaH2 and distilled immediately
prior to use.

Nanoparticle Coating. The nanoalumina was coated
similarly to the procedure found in Tsubokawa et al.25 In
general, 5 g of nanoparticles were dried in a vacuum oven (195
°C) for 24 h and then dispersed in 150 mL dry toluene with
the aid of an ultrasonic probe. Following sonication of the

Figure 1. TEM micrograph of 38 nm alumina nanoparticles
on a holey carbon TEM grid. Below: Nanoparticle size
distribution.
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particles, the particle/toluene slurry was added to a 250 mL
round-bottom flask charged with a stir bar, and a 5% v/v GPS/
toluene solution was added dropwise with stirring. The amount
of silane coupling agent was determined based on the reported
specific surfaces area of the particles, the number of surface
hydroxyls present on the surface of γ-alumina (5-10 µmol
m-2),26 and the molecular weight of the particular silane to be
used. The mixture was then heated to reflux and allowed to
react for 20 h under dry nitrogen. Afterward, the mixture was
allowed to cool and the resulting slurry was centrifuged for 3
min at 3000 rpm and the toluene decanted. The particles were
washed with 100 mL of toluene and centrifuged/washed twice
to ensure no unreacted silane remained.

The particles were dried in a vacuum oven at room tem-
perature for a period of 24 h. The presence of the silane on
the surface of the particles was confirmed by Fourier transform
infrared spectroscopy (FTIR). Thermal gravimetric analysis
(TGA) was also performed on the powders both before drying,
after drying, and after coating to further prove the existence
of the silane adsorbed/attached to the particle surface. This
analysis was carried out on a Mettler-Toledo TGA/SDTA851e
/LF1100/MT5/498 from 50 to 1000 °C at 20 °C min-1 under a
compressed air purge. The results of these analyses are
described in detail in an upcoming publication.27

Nanocomposite Synthesis. The nanocomposites were
polymerized with the nanoparticles in situ. The free-radical
polymerization procedure was based on the work of Balke and
Hamielec.28 Typically, nanoparticles (either as received (AR),
coated with GPS, or dried in a vacuum (>30 in. Hg for 24 h)
at 195 °C) were added to MMA monomer (15.0 g) in a 20 ×
120 mm glass test tube and dispersed via sonication at 40%
power (VCX-400 Sonics Materials Vibracell (400 W) with 1/4
in. stepped microtip) for 5 min. In some cases, 20 µL of MAA
was added to aid dispersion of the nanoparticles during this
step (specific composite formulations are shown in Tables 2-4).
The initiator (AIBN) (0.0425 g) and chain transfer agent (1-
decanethiol) (30 µL) were added and the mixture was sonicated
again for 1 additional minute. The polymerization was carried
out by immersing the test tube in a 55 °C water bath under a
nitrogen blanket for 21 h with two additional sonication steps
of 40% power at the +1 and +2 h points. Each of these
sonication steps was pulsed at 2 s ON and 0.5 s OFF with a
total sonication ON time of 3 min.

Following complete polymerization, the composite was
removed from the water bath and placed in a 115 °C oven for
2 h. The resulting nanocomposite was compression molded into
tensile specimens (ASTM D638-95 Type IV) in a hydraulic
press (Carver 12 ton) at 180 °C and 2.5 metric tons. Specimens
were allowed to cool gradually to room temperature under
pressure for a period of 6 h and, after removal, were sanded
(400 grit) to remove flashing.

Nanocomposite Thermal Analysis. The glass transition
temperature, Tg, was obtained through differential scanning
calorimetry (DSC) (Seiko Instruments SSC5200 or Mettler
Toledo DSC 822e.) Data were collected over two temperature
runs from 25 to 180 °C at 10 °C min-1. Only data from the
second run were used in Tg analysis, as is the standard
methodology.

Composite Mechanical Testing. Uniaxial tension testing
was performed in accordance with ASTM D638-95 at constant
displacement rate of 1 mm min-1 (0.04 min-1 strain rate) at
room temperature (nominally 25 °C) on an Instron loadframe
with a 5 kN load cell and Instron extensometer ((0.2 in.
extension). At least six samples of each material were tested,
except for the neat PMMA with added MAA and the elevated
temperature tests (45 °C) (Table 2) where only three samples

were tested. The extensometer had a (20% strain limit with
1 in. gage length and had to be removed for some of the tensile
tests due to the extensive elongation. In these cases, sample
elongation was monitored by the subsequent crosshead exten-
sion. The 1% secant modulus was determined according to the
procedure of ASTM D638-95.

Electron Microscopy. Tensile specimen fracture surfaces
were observed using a JEOL JSM-6330F field emission scan-
ning electron microscope (SEM) after coating the polymer with
gold or platinum. TEM specimens were prepared using a Leica
ultracut microtome. Multiple 100 nm thick sections were cut
and floated onto a #200 copper grid. In the case of necked
specimens, care was taken to ensure that the diamond knife
of the ultramicrotome induced no artifacts in the samples by
orienting the specimen in the microtome at right angles to the
tensile direction. TEM images were obtained on a JEOL CM-
12.

Polymer Physical Characterization. Molecular weight
analysis of the PMMA and nanocomposites was performed on
a Waters HPLC calibrated with a narrow polystyrene stand-
ard. For the nanocomposite samples, the composite was
dissolved in a solvent and the nanoparticles were centrifuged
until the solution was clear before analysis by HPLC. The 17
nm composites could not be centrifuged clear due to the small
size of the particles and thus were not tested. The results for
number-average molecular weight (Mn) and polydispersity
index (PDI) (Mw/Mn) for samples analyzed are shown in Table
1.

Thus, we conclude that the addition of the nanoparticles
had little effect on the free-radical polymerization of the methyl
methacrylate. The retained monomer concentration for neat
and alumina filled PMMA samples was determined previ-
ously23 with liquid 1H NMR (Varian 500 MHz) and was less
than 1% for all compositions. This analysis was not repeated
for the samples in this report.

Small-Angle X-ray Scattering (SAXS) Theory and
Experiments. The ability to disperse the nanoparticles in the
matrix is critical to achieving the goals and expectations of
nanocomposite performance and was characterized by both
TEM and SAXS. X-ray scattering can be used to study
structures on the order of 1 nm or larger.29 As with other
scattering studies of this nature,30,31 the large range of nano-
particle and other feature sizes required the scattering to be
performed at several facilities to capture the entire breadth
of length scales. Small-angle X-ray scattering (SAXS) was
performed at the National Synchrotron Light Source (NSLS),
Brookhaven National Laboratory. The work was performed on
beamline ×10A with an accessible q range from 0.009 to 0.14
Å-1, corresponding to real correlation lengths, d ()2π/q), up
to ∼700 Å. The SAXS data were calibrated using the scattering
from a silver behenate sample.32 All scattering measurements
were performed on plaques with a thickness of about 1 mm.
The scattering data were normalized for thickness differences
and direct beam intensity. Dark current and air background
were also factored out of each data set. Ultra-small-angle X-ray
scattering (USAXS) measurements were performed at the
Advanced Photon Source (APS) (33-ID-D, UNICAT) located at
Argonne National Laboratory. The USAXS setup utilizes a
Bonse-Hart camera,33 which provides “slit-smeared” data in a
q range of 10-4 to 10-1 Å-1. This corresponds to real correlation
lengths up to 6 µm. The data are corrected for sample thickness
prior to applying a desmearing routine. To further study the
anisotropy in the scattering patterns for the necked specimens,
effective-pinhole collimated USAXS (SBUSAXS)34 was also
performed at APS. This setup does not require desmearing of
the resulting data and is thus preferred for anisotropic
scattering analysis.

Results
Nanocomposite Dispersion. The key to accessing

the large surface area-to-volume ratio of nanofillers is
to optimize their dispersion within the polymer matrix.
Thin specimen TEM is the method most often employed
to assess the dispersion state, but it has several

Table 1. Physical Characterization of Polymerized Neat
PMMA and Nanocomposites

Mn PDI

neat PMMA 144 000 1.5
neat PMMA with added MAA 156 000 1.4
2.2 wt % 38 nm as-received alumina (no MAA) 152 000 1.6
2.2 wt % 38 nm alumina with added MAA 150 000 1.5
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drawbacks. The most obvious are the limited counting
statistics and sampling frequency. SAXS, however, is
well suited for determining the state of nanoparticle
aggregation contained within the nanocomposites. Both
SAXS and TEM were utilized in this research with
similar results. Parts a-c of Figure 2 show TEM
micrographs of the dispersion obtained through the
above polymerization procedure with various nanopar-
ticles. The dispersion of a 2.2 wt % 38 nm alumina
nanocomposite with added methacrylic acid (MAA)
dispersant is presented in Figure 2a. This image shows
many isolated particles or, at worst, isolated aggregates
of small particles. Figure 2b, however, shows the poor
dispersion obtained with the same particles and weight
fraction where no MAA was added. In this micrograph,
aggregates approaching 1 µm in size are seen with few
isolated single particles. Optimal dispersion of the 17
nm particles was never achieved, as shown in Figure
2c. These finer powders are seen to agglomerate in
clumps numbering hundreds of particles as opposed to
the 38 nm aggregates where particles number less than
10 in most cases. Neither drying the 17 nm particles
(at 195 °C and >30 in. Hg vacuum), nor adding meth-
acrylic acid (MAA) did anything to aid in the dispersion
of these smaller particles.

The dispersion conditions shown in the TEM micro-
graphs are mirrored in the USAXS results. Parts a and
b of Figure 3 show the scattered intensity (I(q)) vs
wavevector (q)) data collected on the USAXS instrument
for 38 and 17 nm alumina, respectively, dispersed in
PMMA at various weight fractions. Because of the large
polydispersity of the alumina and the aggregation of
particles, as seen in the TEM and Figure 1, standard

spherical scattering analysis cannot be carried out and
only the general shape of the curves will be analyzed
here. Figure 3a shows evidence that the 38 nm nano-
particles require the use of MAA to obtain better
dispersion, as also noted in the TEM analysis. The
topmost curve shows a large negative slope at the lowest
q-vectors indicating the ever-increasing size of ag-
gregates in composite formulations with 38 nm particles
and no dispersant (MAA). However, the two lower
curves show a definite decrease in slope at lower q
values indicating well-dispersed, similar-size aggregates
when the MAA is used in the polymerization process.
This analysis confirms that the TEM micrographs of
Figure 2, parts a and b, are representative of the state
of dispersion in these samples.

The scattering curves obtained from various alumina/
PMMA compositions with 17 nm nanoparticles are
shown in Figure 3b. In these cases, even at the lowest
q values the curves never approach a zero slope. Note
that the curves also scale with weight fraction for all
volume fractions. In fact, the curves show three distinct
regions where power-law (constant slope) behavior
prevails. The slope at high q values in these composites
is -3.6, a value considerably greater than -4, indicating
rough interfacial characteristics and quite possibly a
porous-type open cell structure in the 6-15 nm re-
gime.35 In the mid-q region (∼0.0017-0.032 Å-1) a slope
of -2.8 dominates, while in the smallest q range, a slope
of -1.1 is seen. This type of behavior, successive power
law scaling present at all length scales, is indicative of
mass fractal-type aggregation where the dimensionality
of the “level” is represented by the power law expo-
nent.36 The TEM image of Figure 2c is representative

Table 2. Mechanical Properties of Neat PMMA (MAA ) Methacrylic Acid)

1% secant
modulus (GPa)

no. of tensile
specimens tested

percentage of samples
exhibiting yield

phenomenon

av
strain-to-failure

(% strain)

av
ultimate

strength (MPa)

neat PMMA 3.0 17 12 4.5 75
neat PMMA @ 45 °C 2.6 3 0 4.5 56
neat PMMA (MAA) 2.9 3 33 8 74
2 wt % µm-Al2O3 3.1 5 20 5 68

Table 3. Mechanical Properties of 38 nm Alumina/PMMA Compositesa

1% secant
modulus (GPa)

no. of tensile
specimens tested

percentage of samples
exhibiting yield

phenomenon

av
strain-to-failure

(% strain)

av
ultimate

strength (MPa)

1.0 wt % 38 nm AR 2.7 8 50 6 62
2.2 wt % 38 nm AR 2.6 10 25 8 60
5.0 wt % 38 nm AR 2.6 6 0 5 64
1.0 wt % 38 nm (MAA) 2.4 8 75 32 56
2.2 wt % 38 nm (MAA) 2.3 10 70 40 52
5.0 wt % 38 nm (MAA) 2.5 6 25 9 56
1.0 wt % 38 nm (GPS) 3.1 6 0 4 60
2.2 wt % 38 nm (GPS) 3.1 8 0 5 70
2.2 wt % 38 nm (195) 2.5 10 60 22 57
5.0 wt % 38 nm (195) 2.8 6 0 3 58

a AR ) as-received, MAA ) methacrylic acid, GPS ) 3-glycidoxypropyltrimethoxysilane, 195 ) particles dried at 195 °C in a vacuum.

Table 4. Mechanical Properties of 17 nm Alumina/PMMA Compositesa

1% secant
modulus (GPa)

no. of tensile
specimens tested

percentage of samples
exhibiting yield

phenomenon

av
strain-to-failure

(% strain)

av
ultimate

strength (MPa)

0.5 wt % 17 nm (MAA) 2.8 6 0 4 61
1.0 wt % 17 nm (MAA) 2.9 8 25 6 67
2.2 wt % 17 nm (MAA) 2.6 8 75 7 64
0.5 wt % 17 nm (195) 2.7 6 0 4 58
1.0 wt % 17 nm (195) 2.6 8 75 7 61
2.2 wt % 17 nm (195) 2.5 8 75 8 61

a MAA ) methacrylic acid, 195 ) particles dried at 195 °C in a vacuum.

Macromolecules, Vol. 37, No. 4, 2004 Alumina/Poly(methyl methacrylate) Nanocomposites 1361



of the fractal nature of the nanofillers in these compos-
ites. Fractal aggregates can be well-dispersed in a
polymer matrix, but the goal of individually occurring,
well-dispersed single particles or aggregates was never
realized in these 17 nm composites.

Thermal Behavior. The glass transition tempera-
ture, Tg, of the alumina/PMMA nanocomposites exhibits
a sharp decrease from 119 °C for the neat PMMA to 95
°C following the addition of a small volume fraction of
as-received nanoparticles24 (0.5 wt % 17 nm alumina
or 1.0 wt % 38 nm alumina) as shown in Figure 4. This
lower value of Tg (95 °C) is maintained for filler weight
fractions up to 5 wt %. For composites with less than a
critical weight fraction of 38 nm nanoparticles, the Tg
is constant, within experimental error, at the Tg of the
neat PMMA used in this study. The Tg of the neat
PMMA is regained for composites synthesized with GPS
-modified nanoparticles (Figure 4) as well as those made
with as-received micrometer-sized alumina (not shown).
In addition, other work by these authors has shown that
the Tg of the neat polymer remaining when the nano-
particles are removed returns to 119 °C.24 The thermal
behavior is thus highly interface dependent in addition
to being sensitive to the size of the particles and is
discussed in detail in an upcoming publication.27

Mechanical Behavior. The most striking behavior
displayed by these nanocomposites is seen in the stress-
strain curves presented in Figure 5. In this graph, a
typically brittle PMMA is compared with a 2.2 wt %
(0.73 vol %) 38 nm (with MAA dispersant) alumina/
PMMA nanocomposite that displays ductile behavior at
a strain rate of 4% strain min-1. Typically, in samples
where the nanoparticle loading is optimized, this re-
markable transition from brittle to ductile behavior is

observed with the average strain-to-failure increasing
to 40%. These large extensions were observed in 70%
of the samples tested. In nanocomposites that do not
show ductile behavior, preexisting flaws or inclusions
(from the breaking, molding, and finishing process) were
often observed that initiated sample failure.

In addition to the dramatic increases in the strain-
to-failure, a drop in the modulus was observed and a
neck occurred coincident with a drop in engineering
stress in the region past a well-defined yield point. It is
also noted that the yield strength of the nanocomposite
lies some 20 MPa below that of the neat PMMA, which
typically failed in a brittle fashion at 4% strain. The
micrometer-sized filled composite, at 2 wt %, shows
brittle behavior much like that of the neat PMMA.

In an effort to make the surfaces of the particles more
compatible with the matrix, 38 nm alumina nanopar-
ticles were coated with a silane coupling agent (3-
glycidcoxypropyltrimethoxysilane (GPS)). Nanocompos-
ites made from these coated particles did, in fact, have
a modulus slightly above that of the neat PMMA and
their yield strength was increased to 70 MPa, roughly
that of neat PMMA. However, these composites also
reverted back to the same brittle behavior as shown in
Figure 6.

Samples of neat PMMA were also tested at temper-
atures above room temperature (i.e., at 45 °C) to
determine whether a temperature increase of 20 °C
could induce the change from brittle to ductile behav-
ior.23 This temperature increase was chosen to mimic
the reduction in glass transition temperature typically
shown by the nanocomposites, as mentioned above. Neat
PMMA has been shown to yield in a manner similar to
the nanocomposites at elevated temperatures and much

Figure 2. (a) 2.2 wt % 38 nm nanoparticles in PMMA with dispersant (MAA) (b) 2.2 wt % 38 nm nanoparticles in PMMA with
no dispersant. (c) 2.2 wt % 17 nm nanoparticles in PMMA (shown here with added MAA dispersant).
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lower strain rates.37 In these elevated temperature runs,
the initial modulus matches that of the filled system,
but the yield strength drops even lower than that of the
2.2 wt % (0.73 vol %) 38 nm alumina/PMMA nano-
composite samples tested at room temperature. In
addition, the strain-to-failure shows no increase, with
the sample still failing at the yield point (∼4% strain).
The neat PMMA had to be tested at 80 °C for ductile
behavior to be realized.

Of the various 17 nm nanocomposites tested, none
showed the large increases in strain-to-failure, with all
samples failing at or just slightly past the yield point.
As noted before, however, these composites did display

the same glass transition behavior as 38 nm composi-
tions exceeding 0.5 wt % nanoparticles.

Tables 2-4 provide a summary of the mechanical
data for the various composite and neat formulations
used in this study. In Table 3, a maximum in the strain-
to-failure behavior is seen for 38 nm nanoparticles at
2.2 wt % (0.73 vol %), with the majority of these
specimens (70%) failing in a ductile fashion (average
strain-to-failure 40%). It is noted, however, that the 1.0
wt % samples also showed a high fraction of ductile
failures, although the average strain-to-failure for this
composition was lower. This was similar to the results
in our previous work where the maximum for 39 nm
alumina nanoparticles in PMMA (a different lot of
alumina nanoparticles from Nanophase Technologies)
occurred at 5 wt %.23 The observation of a particular
weight fraction at which mechanical behavior is opti-
mized has been observed in other nanocomposite stud-
ies.4,13,38,39 It is obvious that at lower particle loadings,
there is generally not enough material altered by the
presence of the particles to permit large-scale changes
in material properties. Higher loadings induce ag-
glomeration, which degrades the polymer performance
through, for example, inclusion of voids that can act as
preferential sites for crack initiation and failure. As
stated in the Experimental Section, the use of a dis-
persant (MAA) was required to obtain the large strain-
to-failures observed; 38 nm samples with no dispersant
showed little to no increase in strain-to-failure (Table
3). Note also that the addition of methacrylic acid to
the neat PMMA does not lower the modulus or lead to
a brittle-to-ductile transition (Table 2). It is also noted

Figure 3. USAXS data for (a) 38 nm alumina nanocomposites
and (b) 17 nm alumina (with MAA dispersant) nanocomposites.

Figure 4. Glass transition behavior of as-received alumina/
PMMA nanocomposites (0, 38 nm alumina; O, 17 nm alumina).
Note that the filler weight fraction is plotted on a log scale to
show the behavior of the lower values more clearly. The neat
PMMA is plotted as 0.01 wt % on the above graph. Following
coating with GPS, the Tg returns to the neat value (2, GPS-
coated).

Figure 5. Typical stress-strain curves for (a) neat PMMA,
(b) 2 wt % as-received micrometer-sized alumina filled/PMMA
composite, and (c) 2.2 wt % 38 nm (MAA) alumina/PMMA
nanocomposite. The crosshead speed was 1 mm/min, which
translates to a 0.04 min-1 rate.

Figure 6. Stress-strain curves for (a) 2.2 wt % GPS-coated
38 nm alumina/PMMA nanocomposite compared to (b) the
ductile 2.2 wt % 38 nm (MAA) alumina/PMMA nanocomposite.
The crosshead speed was 1 mm/min, which translates to a 0.04
min-1 rate.
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that drying the 38 nm nanoparticles in a vacuum oven
at 195 °C overnight did induce the change from brittle
to ductile behavior at one of the two weight fractions
tested (2.2 wt %).

The reduction in the glass transition temperature
most certainly affects the mechanical properties pre-
sented in Tables 3 and 4. Of particular note, the
modulus of the nanocomposites drops from 3.0 to 2.5
GPa for most compositions. This decrease in modulus
is almost certainly due to the decrease in the glass
transition temperature. As shown in Table 2, for the
elevated temperature experiments on neat PMMA, the
modulus shows a similar drop as that displayed in the
nanocomposites. In fact, all of the nanocomposites
showed a perfect correspondence between their modulus
decrease and the displayed reduction in their glass
transition temperature. Thus, any modulus gain (or
decrease) due to the addition of nanoparticles would
have been overshadowed by the dependence of the
modulus on the testing temperature, or, in this case,
the a priori reduction in the glass transition tempera-
ture.

The yield stress of the nanocomposites is also shown
to decrease in much the same fashion as the secant
modulus. This, too, was caused by the reduction in the
glass transition temperature. It is well-known that the
yield stress of a polymer is directly related to the testing
temperature with an increase in testing temperature
causing a reduction in the modulus.40 In support of this
hypothesis, the yield stress and modulus of the neat
PMMA in tension at an elevated temperature (simulat-
ing a Tg depression) showed a decrease (Table 2) that
matched that of the nanocomposite.

Fracture Surface Microscopy. The fracture surface
morphology of the neat polymer shown in Figure 7 is
similar to those of neat PMMA fracture surfaces found
in the literature. The prominent raised features, known
as hackle bands, are attributed to craze formation and
propagation.41 Strikingly different, the fracture surface
of one of the ductile composites is presented in Figure
8, parts a and b. In Figure 8a, the fracture surface is
fairly flat and marked only by a uniform distribution of
small holes. In this Figure, there are no attributes of
craze formation or growth. In Figure 8b, nanoparticles
are seen sitting in some of the voids. Other voids are
not occupied by particles. In general, no connecting

polymer from void to nanoparticle can be seen. This
suggests that dewetting of the particles from the matrix
occurred either prior to or during mechanical testing.
That the particles do not show an affinity for the
polymer is not surprising considering the complicated
synthesis procedure required to optimize the nano-
particle dispersion. The fracture surface of the nano-
composites shown in Figure 8b indicates that the
nanoparticles appear to nucleate voids. This surface,
however, was created by brittle fracture of the material
following ductile yielding and therefore could be very
different from the conditions existing within the bulk
just before fracture. Therefore, SAXS was used to
determine the composite morphology and the status of
the voids that existed within the bulk immediately
before fracture in the heavily necked sections of the
tensile specimen and is reported in the next section.

In the SEM micrograph of Figure 8c, the particles do
not appear to be interacting with the matrix in any
fashion (no evidence of ductile tearing of the polymer
around the particle or hemispherical cavities as seen
in Figure 8b). In fact, the fracture behavior of the
surface does not appear to depend on the presence or
absence of the nanoparticles. These particles have been
coated with a silane coupling agent (GPS) to promote
matrix wetting. The surface of a 2.2 wt % (0.73 vol %)
38 nm GPS-alumina composite shows well-dispersed
nanoparticles sitting on the fracture surface. The com-
posite properties associated with these coated nanopar-
ticle composites are given in Table 3 and amount to a
restoration of the yield strength and modulus ac-
companied by a return to brittle behavior at room
temperature.

Small-Angle X-ray Scattering. To determine the
extent of the void creation occurring within the neck of
the ductile nanocomposites, a method that samples the
volume within the neck is required. Because of the
contrast differences between the voids and nanopar-
ticles, these additional scattering entities (the voids)
should scatter X-rays and allow for the study of their
morphology through SAXS. The first scattering experi-
ments conducted on the necked portion of the nanocom-
posites were carried out at the National Synchrotron
Light Source. The raw 2D scattering profile gives an
initial look at the interior morphology of the strained
nanocomposite. As shown in Figure 9a, the scattering
from the nanocomposite outside of the neck is isotropic,
centered on the black disk of the beamstop. Figure 9b
shows the scattering pattern detected when the necked
portion of the sample was placed in the beam. An
anisotropic, ellipsoidal pattern is clearly indicated in
this case with the major axis aligned parallel to the
tensile direction and the scattering intensity at the poles
twice that at the equator. In this case, the scattering
intensity is shifted toward the higher q value regime
(away from the beamstop) indicating the presence of a
“new”, smaller, oriented scatterer. Since the additional
intensity in the anisotropic scattering pattern is occur-
ring at higher values of q, these new scatterers have
their minor axis aligned in that (the tensile) direction,
with the major axis aligned along the equator.

Crazing in polymers also produces an anisotropic
scattering pattern; however, the crazing pattern can be
easily identified as it appears as two perpendicular
crosslike streaks.42 The absence of these streaks in the
sample’s scattering pattern provides direct evidence
that the anisotropic scattering pattern is not due to

Figure 7. SEM image of the fracture surface of a neat PMMA
specimen showing the evidence of crazing (raised hackle
bands).
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craze features within the neck. In fact, these data
indicate that crazed material is not present within the
neck.

Additional scattering using the single-bounce ultra-
small X-ray scattering (SBUSAXS) technique (Figure
10) shows the intensity vs q-vector data obtained when

the necked specimens are oriented in different directions
with respect to the X-ray beam. The curves show
different scattering profiles at two different angles,
clearly indicating the anisotropy shown in Figure 9b
with much better resolution in the low q range. As seen
in Figure 10b, the scattered intensity is much higher

Figure 8. (a, b) FE-SEM images showing the fracture surface of a 2.2 wt % 38 nm (MAA) alumina/PMMA ductile tensile specimen
with an ultimately brittle failure. Notice the uniform dispersion of “holes” that is seen in part a and magnified in part b. (c)
FE-SEM micrograph of the fracture surface of a 2.2 wt % 38 nm GPS-coated alumina/PMMA sample. Note that the particles still
show little affinity for the matrix and do not appear to be nucleation sites for the features on the fracture surfaces (inset).

Figure 9. 2-D small-angle X-ray scattering intensity of a 2.2 wt % 38 nm (MAA) alumina/PMMA nanocomposite (a) out of the
necked area and (b) in the necked area. The tensile direction is vertical in relation to the observed scattering pattern.
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in the direction parallel to the tensile axis than in the
equatorial direction (at q ≈ 0.005 Å-1). In addition, the
curves are shown to cross over at lower q-vectors,
indicating some population of larger scatterers that are
also anisotropic, but have their small correlation length
aligned perpendicular to the tensile direction.

With this knowledge and the available fracture
surface pictures (Figure 8b), a model of the scattering
entity can be suggested, as shown in the inset of Figure
11. This image shows a picture of a nanoparticle where
a void has formed above and below the nanoparticle due
to the action of tensile stress. The shaded ellipses, above
and below the particle, represent idealized scatterers
that could be used to model the scattering data pre-
sented in Figures 9b and 10. This model has been used
before to explain anisotropic SAXS patterns in similar
hard-filler, debonded particle composites.43 To deter-
mine the nature of this anisotropic scattering entity, and
to prove that voids were indeed expanding from the
poles of the particles, TEM specimens of the necked
region were prepared and analyzed. Careful sectioning
of the specimen with the cutting direction perpendicular
to the tensile direction was carried out to avoid artifacts
created by the diamond knife from being misinterpreted
in the TEM analysis. One of the micrographs taken in
the necked region is shown in Figure 11. There are two
features that are worth noting on this representative
micrograph. The first is the existence of ellipsoidal voids
on the poles (with respect to the tensile direction) of the
larger nanoparticles. As can be corroborated from the
SEM fracture surfaces (Figure 8b), however, only cer-
tain size particles initiate void creation. The second
feature is the chainlike aggregates of smaller nanopar-
ticles that appear to have aligned themselves in the
direction of the applied force. These appear to be two
possible anisotropic candidates for the additional scat-
tering entity alluded to in the scattering curves pre-
sented above. However, the anisotropic scattering pat-
terns in Figure 9b, and at the higher q-vectors in Figure
10, cannot be due to the nanoparticle chains. This is
because the elongation is occurring in the direction of
the tensile force and thus would tend to shift the
scattering in this direction to lower q (larger size scales),
not higher q as seen above. Scattering that was at-

tributed to these particles would have resulted in an
anisotropic pattern oriented perpendicular to the tensile
direction, where the smaller length scale is seen. In fact,
the crossover of SBUSAXS curves shown in the lower q
regions may be due to these strings of nanoparticles.

Discussion
In a uniaxial tensile test, high molecular weight poly-

(methyl methacrylate) (PMMA) typically fails in a brittle
fashion at roughly 4% strain.44 As shown in Figure 5,
the neat PMMA polymer synthesized in this study
displays this brittle behavior at the temperature and
strain rate regimes tested. This familiar brittle behavior
is related to normal stress yielding, a cavitational mode
that involves the formation and coalescence of crazes
that usually lead to cracking and eventual failure at low
strains.45 With the addition of a small amount of
alumina nanoparticles, however, PMMA undergoes a
transition from brittle-to-ductile behavior with the
appearance of a well-defined yield point, pronounced
necking, and a tremendous increase in strain-to-failure
(Figure 5). Neat PMMA can also undergo this brittle-
to-ductile transition, at low enough strain rates or high
enough temperatures. In the present work, the synthe-
sized PMMA did not exhibit ductile behavior in uniaxial
tension until the temperature was raised to 80 °C, a
temperature only slightly higher than other researchers
have reported (65 °C).46,47 On the other hand, the
nanocomposite undergoes this transformation in uni-
axial tension at room temperature.

Figure 10. I(q) vs q (SBUSAXS) in the necked area in a 2.2
wt % 38 nm (MAA) alumina /PMMA nanocomposite. The
scattering from curve a is the polar direction while curve b
represents the equatorial component. Curve a shows the same
anisotropic features seen in Figure 9b, namely a higher
scattering intensity at q values between 0.0025 and 0.01 Å-1

for scattering at the poles, while curve b shows the scattered
intensity typical of isotropic scatterers (as in Figure 9a).

Figure 11. TEM micrograph of the necked area in a 2.2 wt
% (0.73 vol %) 38 nm (MAA) alumina/PMMA composite with
ductile behavior. Note the semi-circular voids that exist above/
below two of the larger particles in the micrograph. The
double-headed arrow indicates the direction of the tensile
stress. Inset: Model of a single ellipsoidal void surrounding a
nanoparticle and aligned in the tensile direction. The small
ellipses above and below are the author’s hypothesis of the
scattering entities responsible or the observed scattering
pattern.
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The yielding phenomenon of polymers is highly time
and temperature dependent with the competition be-
tween shear and dilatational yielding integrally linked
to the local stress state of each volume element in the
material. Therefore, a transition from brittle-to-ductile
behavior can occur if the stress state in the polymer is
changed in such a way that the shear yield criterion is
reached prior to the formation of crazes (i.e., homoge-
neous yielding by shear vs heterogeneous yielding by
crazing).48 Ductility is thus gained by the delocalization
of yielded material and suppression of crazes that could
lead to void formation and subsequent brittle behavior.
This type of phenomenon has been extensively reported
in rubber filled epoxies.8,9,15,49 In these cases, the
researchers noticed the same features as can be seen
in Figure 8b, that is, the apparent dewetting of the
rubber particle within the matrix. Unlike the oxide
particles used in this study, however, rubber particles
also cavitate, creating voids interior to the particles,
during mechanical testing. This cavitation, also seen in
rubber-filled nylon-6,12 is hypothesized to bring about
localized shear yielding in the vicinity of the particles
by relieving the triaxial stress-state that prevents
incipient void formation in the matrix. Thus, the
sequence of cavitation, stress-state transition from plane
strain to plane stress, ligament yielding, and propaga-
tion of yielded areas through connectivity of the liga-
ments would lead to a tougher matrix, especially if the
yielding was greatly delocalized and affected a large
volume fraction of the matrix polymer.12 Well-dispersed
nanoparticles acting as void nucleation sites would also
ensure that the regions of stress-state transformation
occur throughout the composite, delocalizing the dam-
age and maintaining the stability of the deformation
process.

The behavior of a ductile material containing a
volume fraction of voids has been analyzed by Gurson50

and applied to rubber-toughened polymers by Lazzeri
and Bucknall.8 Their analysis concluded that yielding
occurred in these materials through the formation of
dilatation bands, which allow the original voids to
expand as plastic flow occurs in the intervening liga-
ments. Therefore, precraze void formation leading to
crazing is prevented, and shear yielding of the matrix
is favored as the primary yield mechanism. However,
the brittle-to-ductile behavior is not seen at all filler
volume fractions, as indicated in Table 3 and previous
research,23 because agglomerates of the nanoparticles
act as crack initiators that lead to premature brittle
failure. On the other hand, lower particle loading does
not affect enough of the matrix to delocalize the damage
and prevent the formation of stable crazes. Thus, there
is an optimum range of filler that promotes this brittle-
to ductile behavior.

As observed in the TEM micrograph of Figure 11, and
in the SEM micrographs of Figure 8b, the smaller
particles do not appear to take part in the creation of
polar voids. Thus, it would appear that only larger
particles, those on the order of 100-200 nm in diameter,
are responsible for the void growth, subsequent strain-
state transformation, and ultimate brittle-to-ductile
transformation. This is not surprising given the size of
the smaller particles and the ability of a void to grow
around them. Gent and Tomkins51 have shown that the
triaxial stress required to grow an incipient void varies
inversely with the void’s initial radius. The authors
point to the absence of voids around particles of carbon-

black, which are normally 5-20 nm in size, in filled
elastomers as proof of the relevance of initial particle
size to void formation and growth. In addition, Lazzeri
and Bucknall use an energy criterion to predict the
optimum size of rubber particles that will cavitate in
brittle PS polymer.52 Their predictions show that void
creation (and strain relief) occur in the largest particles
first and then move to smaller particles in accordance
with the ease of void nucleation.

In the present work, the presence of larger, non-
interacting nanoparticles alone (and the subsequent
void expansion), does not lead to the brittle-to-ductile
behavior as shown in Table 3. Following coating the
nanoparticles with GPS, the data show that the yield
strength and modulus of the nanocomposite match the
respective properties of neat PMMA, accompanied by a
subsequent loss of the brittle-to-ductile behavior. These
particles have the same size distribution before coating
as after, and the dispersion in the matrix is similar, as
shown by the SEM micrograph of Figure 8c. These
nanocomposites also do not show a reduction in the glass
transition temperature, indicating no increase in poly-
mer chain mobility due to the large surface area of the
included nanoparticles. It is clear from these data that
the surface of the coated nanoparticles has been made
somewhat more compatible with the PMMA matrix.
However, it would seem that the ability of the polymer
to wet the particles has not drastically changed, as
shown in the SEM micrograph of Figure 8c. In this
micrograph, the particles are seen to sit on the fracture
surface, showing no signs of wetting or participation in
the fracture morphology. In recent modeling experi-
ments, van Melick et al.53 found that, in addition to
voids introduced into polystyrene, extra chain mobility
due to the surface area contained in the voided system
was required for a brittle-to-ductile transition. This
extra mobility is certainly absent in the GPS-coated
alumina nanocomposites as evidenced by the stable Tg.
Therefore, even with the large particles present with
relatively poor wetting characteristics, the brittle-to-
ductile transition phenomenon requires further input.

The role of mobility in the yielding behavior of
polymers was thoroughly examined by Wu54 who related
the characteristic ratio, C∞, and the entanglement
molecular weight, ME, to arrive at a molecular criterion
for determining whether a polymer would craze or yield.
He determined that a polymer having a small ME or
large C∞ will tend to craze instead of yield due to the
low ratio of crazing to yield stress. In a recent series of
papers, Yee et al. also explored the role of molecular
mobility in the transition from brittle to ductile behavior
by altering the backbone of pseudo-polycarbonate poly-
mers with the incorporation of other, mobile or sessile
monomers into the polymer chain.55-57 They concluded
that the increased mobility of the backbone brought
about a drop in the overall yield stress so that it remains
below the brittle, crazing stress criterion. Thus, en-
hanced mobility can change the yielding mode of a
polymer by shifting the crazing stress higher while
shrinking the shear yielding surface, thus ensuring that
the shear yield criterion is reached before the craze
criterion in uniaxial tension.

The mobility of the synthesized nanocomposites has
indeed increased as observed indirectly through the
reductions in the glass transition temperature and
directly in past solid-state NMR experiments.23 How-
ever, the brittle-to-ductile transition was not achieved
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in the 17 nm alumina filled samples (Table 4). In
addition, the neat PMMA does not display a shift from
crazing to shear yield until tested a temperatures far
above 45 °C (room temperature + 20 °C). This calls into
question the use of the mobility argument of Yee et al.
as it would apply to the present work. However, the
extra mobility would lower the shear yield stress and
also increase the probability of nucleating stable crazes
within the nanocomposites.

Thus, the complete story alumina/PMMA nanocom-
posite ductility requires both effects, the higher mobility
of the polymer brought about by the added surface area
(and evidenced by the decrease in observed Tg), and the
existence of larger particles to allow void growth and
subsequent relief of the triaxial stress state (as shown
in the SEM, SAXS and TEM data). This allows the
strain state to be reduced to a plain stress condition,
which leads to subsequent shear yielding. Because the
triaxial stress is relieved, normal yielding by cavitation
and subsequent crazing is prohibited and the material
shows a ductile response to tensile loading.

Conclusions

Polymer nanocomposites were synthesized while vary-
ing the filler particle size and interfacial character.
When a weak interface exists between nanoparticle and
polymer the room temperature mode of yielding was
changed from normal (cavitational) to shear, which led
to a brittle-to-ductile transition. This phenomenon was
shown to require both the enhanced polymer chain
mobility attributed to smaller particles and the ability
to relieve the stress triaxality by poorly bonded larger
particles. It should not be limited to alumina/PMMA
nanocomposites, but should be applicable to any glassy,
amorphous thermoplastic with nanoscale inclusions that
are poorly bonded to the matrix polymer.
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